Temperature dependent strengthening contributions in austenitic and ferritic ODS steels by Seils, S. et al.
1 
 
Temperature dependent strengthening 1 
contributions in austenitic and ferritic 2 
ODS steels 3 
S. Seilsa,b , A. Kauffmanna,*, F. Hinrichsa,  D. Schliephakea, T. Bolla,b and 4 
M. Heilmaiera  5 
a Institute for Applied Materials (IAM-WK), Karlsruhe Institute of Technology 6 
(KIT), Engelbert-Arnold-Str. 4, D-76131 Karlsruhe, Germany  7 
b Karlsruhe Nano Micro Facility (KNMF), Karlsruhe Institute of Technology 8 
(KIT), Hermann-von-Helmholtz-Platz 1, D-76344 Eggenstein-Leopoldshafen, 9 
Germany 10 
*corresponding author 11 




We aim on the model-based description of the strength of ferritic and austenitic oxide dispersion 14 
strengthened (ODS) steels in the temperature range from room temperature (RT) up to 800 °C. 15 
Therefore, we present two approaches for the synthesis of austenitic alloys by mechanical alloying 16 
Y2O3, namely with (i) elemental powders at RT and (ii) with a gas-atomized master-alloy. Consolidation 17 
of both powders by field assisted sintering technique leads to a more homogenous distribution of grain 18 
size and particles in specimens from elemental powders. In the entire temperature range, the 19 
compressive strength of the austenitic ODS steels is shown to be lower compared to the one of ferritic 20 
counterparts. Above approximately 500 °C, a strong decrease in strength was observed for all ODS 21 
variants due to the onset of creep-based deformation. Multi-scale materials characterization was 22 
performed to quantitatively assess microstructural materials parameters crucial for the modeling of 23 
the temperature dependent yield strength. These data were utilized to quantitatively describe the 24 
strength contribution by Hall-Petch and Orowan strengthening as well as dislocation strengthening at 25 
RT. Lower amounts of grain boundary and dislocation strengthening were found to be crucial for the 26 
lower strength of austenitic ODS steels. Meaningful calculation of materials strength is only achieved, 27 
when both interactions of strengthening contributions and experimental uncertainties are considered. 28 
Models describing diffusion-based creep (by Coble) and dislocation-based creep (by Blum and Zeng), 29 
which were shown to provide a more appropriate description of high temperature strength, are 30 
critically assessed for temperatures at and above the strength drop. It is shown that the deformation 31 
at high temperatures is possibly dominated by the formation and annihilation of dislocations at grain 32 
boundaries. 33 
Keywords 34 
ODS steels; mechanical alloying; microstructure characterization; strengthening mechanisms; high 35 
temperature strength. 36 
1. Introduction 37 
Ferritic oxide dispersion strengthened (ODS) steels were introduced as promising materials for 38 
application at elevated temperatures in nuclear power generation [1,2]. Besides excellent resistance 39 
against swelling by exposure to radiation [3], they possess remarkable strength at room temperature 40 
(RT) and outstanding creep resistance above 600 °C as compared to non-ODS steels [1,2,4,5]. The 41 
origin of these characteristics is the presence of homogeneously dispersed, Y-Ti-O-type particles 42 
typically referred to as nanoclusters being less than 4 nm in size [4–10]. These nanoclusters result from 43 
the complex processing of ODS alloys, which includes mechanical alloying (MA) of elemental or pre-44 
3 
 
alloyed powders and subsequent consolidation [11–14]. Several consolidation techniques were used 45 
in literature, i.e. hot extrusion [1,2], hot isostatic pressing (HIP) [8,9], or more recently field assisted 46 
sintering technique (FAST) [15]. Optionally, hot working is also applied in some cases to obtain semi-47 
finished products such as rods, tapes, etc. [1,2,9]. 48 
In contrast to ferritic ODS steels, research on their austenitic counterparts just started in the last 49 
decade [16], even though they promise improved creep resistance due to their face-centered cubic 50 
(FCC) crystal structure. This closed-packed structure is typically associated with self-diffusion as well 51 
as diffusion of substitutional solutes which is reduced by at least two orders of magnitude compared 52 
to open body-centered cubic (BCC) lattices [17]. Moreover, the higher Cr content further increases the 53 
corrosion resistance. Several austenitic ODS steels derived from the commercial non-ODS, austenitic 54 
steels AISI 304 [18–23], AISI 310 [24–26] and AISI 316 [27–34] have been investigated regarding their 55 
microstructural and mechanical properties. Nevertheless, a detailed discussion of the correlation 56 
between microstructure and strength is missing in most cases. Additionally, processing of austenitic 57 
ODS steels by MA revealed to be challenging, as a consequence of either the formation or the presence 58 
of the very ductile FCC phase. Hence, the powder tends to stick to the container walls and milling balls 59 
and often so-called process-control agents like alcohols are used to increase powder 60 
yield [26,27,35,36]. 61 
For this work, the ferritic ODS steel Fe-14Cr-0.4Ti-0.25Y2O3 (all compositions throughout the 62 
manuscript are given in wt.%) and an austenitic counterpart Fe-25Cr-20Ni-0.4Ti-0.25Y2O3 were 63 
manufactured by MA and subsequent consolidation by FAST. The composition of the alloys is derived 64 
from the widely investigated ferritic ODS steel 14YWT [37–39] and the non-ODS, austenitic steel 65 
AISI 310, respectively. To fundamentally study strengthening contributions, alloy compositions were 66 
kept as simple as possible. Thus, besides Cr and Ni (in the FCC case) only Y2O3 and Ti were added. Ti 67 
was added because of its crucial impact on the decrease of the size of nanoclusters [6].  68 
In the case of ferritic ODS steels, temperature dependent yield strength has been analyzed with respect 69 
to particular strengthening mechanisms in the past already [5,39–42]. Several mechanisms were found 70 
to be relevant for the strength of the ODS steels. Besides the Peierls barrier to dislocation motion and 71 
solid solution strengthening, additional stress is necessary for dislocations to bypass nanoclusters, 72 
resulting in a significant Orowan strengthening (direct contribution). Furthermore, these nanoclusters 73 
prevent grain growth during consolidation by Zener-like pinning of grain boundaries, resulting in a sub-74 
micron grain size [4] and remarkable Hall-Petch strengthening (referred to as indirect particle 75 
strengthening effect in Ref. [43]) has been noted. Finally, due to MA, the initial powder particles 76 
undergo heavy deformation and, hence, exhibit high dislocation density prior to consolidation. During 77 
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sintering recovery and possibly recrystallization occur, which lead to a reduction of the final dislocation 78 
density. Nevertheless, dislocation strengthening still has to be taken into account. 79 
According to Refs. [44–47], a variety of superposition laws for the above described respective 80 
strengthening mechanisms 𝑖 have been proposed which - depending on the strength and the density 81 
of obstacles - cover the entire range from root mean squared (rms) to linear superposition. Hence, the 82 




≤ 𝜎0.2 < ∑ 𝜎i
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 (1) 
Above about 0.4 ∙ 𝑇m  (𝑇m  is the melting temperature), creep-controlled deformation mechanisms 84 
become relevant and a substantial drop in yield strength [5,39] is typically observed for ODS steels. 85 
Influences due to coarsening of nanoclusters or grain size, respectively, can be excluded as several 86 
authors have proven the extraordinary stability of nanoclusters [38,48,49] as well as of the grain 87 
size [48,50] for long-term annealing at temperatures up to 1000 °C. Stable grain and particle size were 88 
also observed after annealing of the aforementioned austenitic ODS steels for 1000 h at 1000 °C, but 89 
are not further discussed in this work. 90 
In the present work, we set up a model combining aspects of the low-temperature strength as well as 91 
the creep-related drop of strength at high temperature to describe the strength of the investigated 92 
ODS steels in the temperature range from RT to 800 °C. The proposed model is based on fitting (i) the 93 
superposition of various strengthening mechanisms at ambient temperature discussed in the context 94 
of Eq. (1) and (ii) the Coble diffusional creep model [51] or the alternative Blum and Zeng (BZ) 95 
dislocation based creep model [52,53] to experimental data. Both creep models might be relevant for 96 
the present case of sub-micron scaled, stable grain sizes at elevated temperatures with high grain 97 
boundary fraction, describing grain boundary diffusion controlled creep (Coble) and creep based on a 98 
dynamic equilibrium between annihilation and generation of dislocations at grain boundaries (BZ), 99 
respectively. First, crucial materials parameters are determined and used for the calculation of the 100 
strengthening contributions. Since it is not easily possible to resolve the interaction of the 101 
strengthening mechanisms, the extreme values of the superposition are then calculated and critically 102 
assessed. Thereby, a special focus lies on the evaluation of uncertainties of strengthening contributions 103 
due to the intrinsic distribution of microstructural quantities such as grain size or particle size. 104 
Differences regarding the strength of ferritic and austenitic ODS steels are discussed. Finally, 105 
comparison of the high temperature strength data with the above-mentioned creep models allows the 106 
identification of probable creep mechanisms.  107 
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2. Experimental 108 
All ODS steels investigated in this work were manufactured by powder metallurgical processing. The 109 
nominal compositions of the ferritic and austenitic ODS steels were Fe-14Cr-0.4Ti-0.25Y2O3 and Fe-110 
25Cr-20Ni-0.4Ti-0.25Y2O3 (in wt.%), respectively. The so-called ferritic alloy was synthesized by MA of 111 
elemental powders of Fe, Cr and Ti (purity 99.2 % or higher) with the addition of appropriate amounts 112 
of Y2O3 powder in a Simoloyer CM01 (Zoz GmbH) attritor under Ar atmosphere. Steel balls were used 113 
with a ball-to-powder ratio of 10:1 and the attritor was cooled to -20 °C. The net milling time was 60 114 
h, while one milling cycle consisted of 45 s milling at 1000 rpm and 15 s cooling without rotation of the 115 
propeller. For the austenitic alloys two different processing routes were investigated similar to that 116 
suggested in literature. The first approach, designated austenitic RT, includes MA of elemental 117 
powders of Fe, Cr, Ni and Ti (purity 99.2 % or higher) as well as Y2O3 powder in a PM400 (Retsch GmbH) 118 
planetary ball mill using WC balls (ball-to-powder ratio of 10:1) under Ar atmosphere. The net milling 119 
time was 4 h, while one milling cycle consisted of 60 s milling at 200 rpm and 120 s cooling without 120 
rotation. For the second approach, designated austenitic CT in what follows, a master alloy containing 121 
Fe, Cr and Ni (purity 99.2% or higher) was manufactured in an AM/0.5 arc melting furnace (Edmund 122 
Bühler GmbH) and subsequently gas atomized using N2 in an Atomiser AU1000 device (at Indutherm 123 
Erwärmungsanlagen GmbH). The pre-alloyed Fe-25Cr-20Ni powder with powder particle size between 124 
25 and 100 µm was MA with Ti and Y2O3 powder. Steel balls (ball-to-powder ratio of 10:1) and Ar 125 
atmosphere were used. The net milling time was 16 h. One milling cycle consisted of 15 min milling at 126 
200 rpm and 15 min cooling with liquid N2 and without rotation. Powders from the same alloy were 127 
mixed prior to further processing when milled in different containers in the planetary ball mill. MA at 128 
RT turned out to result in an insufficient powder yield. WC milling balls for cryo-milling lead to 129 
significant wear and, thus, contamination of the powder with W, Co and C. In all milling trials no process 130 
control agent was used. 131 
Consolidation of the powders was performed by means of field assisted sintering technique (FAST) in 132 
a Typ HP D device (FCT Systeme GmbH) at a temperature of 1100 °C and a load of 50 MPa for 5 min. 133 
Fast heating and cooling rates of 100 K/min were applied. 134 
Compositions of the samples in the consolidated state were determined by inductively coupled plasma 135 
optical emission spectrometry (ICP-OES) for Y, hot gas extraction for O and N as well as spark optical 136 
emission spectrometry (spark OES) for all other elements. The compositions are summarized in Tab. 1. 137 
Metallographic sections perpendicular to the FAST compression direction were prepared by standard 138 
metallographic procedure using SiC grinding paper. Subsequent polishing with diamond suspensions 139 
down to 1 µm was applied. A final polishing step utilizing a non-crystallizing oxide suspension (pH = 9.8, 140 
Struers GmbH) was conducted to remove the surface-near deformation.  141 
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Table 1: Chemical composition of the alloys determined by ICP-OES (+), hot gas extraction (*) and 
spark OES (°) (in wt.%). 
alloy Fe° Cr° Ni° Ti° Y+ O* N* C° 
ferritic bal. 11.9 0.13 0.38 0.16 0.46 0.05 0.24 
austenitic RT bal. 26.7 20.2 0.43 0.24 0.45 < 0.01 0.12 
austenitic CT bal. 24.5 19.9 0.35 0.21 0.82 0.37 0.15 
 
XRD analyses were carried out on polished sections using a D2 Phaser device (Bruker Corp.) equipped 142 
with a Cu X-ray source and a LynxEye line detector. To improve statistics, the samples were rotated 143 
during the measurement. Appropriate discriminator settings were used to filter fluorescence radiation 144 
of Fe and Ni. Backscatter electron (BSE) and electron backscatter diffraction (EBSD) analyses were 145 
performed using an Auriga 60 (Zeiss AG) scanning electron microscope (SEM). BSE images were taken 146 
at an acceleration voltage of 5 to 20 kV. EBSD analyses were performed on 70° pre-tilted samples. The 147 
acceleration voltage was 20 kV at working distances of 14 to 16 mm. Kikuchi patterns were collected 148 
with a DigiView camera (EDAX Inc.) and analyzed by the TSL OIM Data Collection software (EDAX Inc.). 149 
At least 4000 grains were analyzed for each condition with respect to their grain size and orientation 150 
by means of the TSL OIM software (EDAX Inc.). A minimum misorientation angle of 5° between 151 
neighboring pixels was used to identify grain boundaries [54]. Orientation maps were cleaned by 152 
means of the neighbor confidence index correlation method applied on data points with a confidence 153 
index CI < 0.1. 154 
Tips for atom probe tomography (APT) were manufactured in a Strata dual beam SEM/focused ion 155 
beam (FIB) device by FEI. To avoid damage caused by the Ga+ ion beam the region of interest was 156 
protected by a Pt layer first. Parts of an originally (30 x 4 x 3) µm³ sized rod of the material are cut from 157 
the rod and set to Si micro-posts provided by Cameca SAS. Tips are shaped from the material by annular 158 
milling at 30 kV with decreasing inner diameter down to 0.2 µm. Final milling with a closed circular 159 
pattern is performed at 5 kV acceleration voltage to minimize the Ga+ affected layer at the surface. 160 
Atom probe analyses were conducted in a LEAP 4000X HR atom probe (Cameca SAS). The device was 161 
operated in laser mode (UV laser with 𝜆 = 355 nm) with a pulse energy between 50 and 100 pJ and a 162 
pulse repetition rate of 200 kHz. The temperature was set to 40 or 50 K and the standing high voltage 163 
was controlled by the detection rate set to 0.3 to 1 %. Atom probe data were reconstructed and 164 
analyzed by IVAS 3.6.14 software (Cameca SAS). Particles were identified using the maximum 165 
separation method which is described in detail elsewhere [55–57]. As particle ions Y, YO, TiO, CrO and 166 
FeO were used. The necessary parameters 𝑑max and 𝑁min were determined for each tip following the 167 
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description of Williams et al. [8]. Normally, 𝑑max varied in the range of 0.6 to 1.8 nm and 𝑁min was in 168 
the range from 6 to 30 ions. For 𝑙 and 𝑑𝑒𝑟  the same value as for 𝑑max was used. Subsequent to particle 169 
identification, a second refinement of the chemical results was performed using mass spectra of ions 170 
within the particle volume only. A significant deconvolution of formerly overlapping peaks in the mass 171 
spectra could be achieved. Identified nanoclusters contain between 46 and 56 at.% single Fe ions 172 
resulting from flight path aberrations due to a lower field of evaporation in the vicinity of the oxide 173 
nanoclusters [58]. Following Williams et al. [8], a matrix correction is applied to nanocluster data, 174 
which sets the content of single Fe ions in nanoclusters artificially to zero and reduces the content of 175 
single Cr and Ni ions proportionally to the alloy composition as well. 176 
Mechanical properties were characterized in terms of compression tests in the temperature range 177 
from RT to 800 °C in air using a UPM-Zwick 1478 universal testing machine (Zwick GmbH) at an initial 178 
engineering strain rate of 10-4 s-1. For that purpose, cylinders of 3 mm in diameter and 5 mm in height 179 
were cut by electrical discharge machining (EDM). The samples were ground to obtain parallel surfaces 180 
and BN spray was applied to reduce friction during testing. Inductive heating of the samples to the 181 
requested temperature for at least 20 min prior to testing was performed. Long-term annealing tests 182 
have shown that neither the grain size nor the nanocluster size changes at temperatures up to 1000 °C. 183 
Strain gauges attached to the compression dies in direct vicinity to the samples were used to determine 184 
the strain. An engineering, compressive strain of at least 7 % was achieved in all cases. Yield strength 185 
𝜎0.2 was obtained from the stress-strain curves at 0.2 % plastic deformation. 186 
3. Results and discussion 187 




    
Figure 1: XRD patterns of a) austenitic RT and b) austenitic CT and corresponding micrographs in c) & 
d) after consolidation by FAST. Closed triangles in the XRD patterns highlight peak positions 
calculated from lattice parameter for the austenite. Open triangles highlight residual Kβ peaks. The 
BSE images in c) & d) exhibit combined chemical and orientation contrast. Insets in c) & d) show 
coarse particles in the materials. 
Figs. 1a & b show the formation of a single-phase austenitic matrix after consolidation on a 189 
macroscopic length scale independent from processing elemental or pre-alloyed powders. For better 190 
visibility of small diffraction peaks, the intensity scale of the diffraction patterns in Figs. 1a & b is 191 
plotted logarithmically. Identified peaks (closed triangles) correspond to FCC Cu-prototype, while no 192 
oxide peaks were observed. The lattice parameters of both austenitic alloys (austenitic RT and CT) are 193 
comparable to the lattice parameter of the arc-melted and gas atomized master alloy which is 3.592 Å 194 
(not shown here). This is slightly larger than a reported lattice parameter for AISI 310 which is 195 
3.582 Å [59]. Given the tolerance level regarding contamination in the standard, this difference is not 196 
significant. From the BSE image of austenitic RT (Fig. 1c), a homogeneous distribution of sub-micron 197 
sized grains can be expected. In contrast, austenitic CT (Fig. 1d) consists of regions with fine or coarse 198 
grains. Agglomerations of coarse particles (parts of large carbides were detected in some APT tips) are 199 
visible in the magnified BSE images (insets of Figs. 1c & d). They are remarkably larger than the 200 
expected nanoclusters and appear as bright (flare contrast in BSE images) or dark (chemical 201 
contribution to BSE images) spots in the microstructure. Particle sizes (about 60 nm) and volume 202 
fraction (about 1 %) were roughly estimated by optical analysis (ImageJ) for both alloys and, hence, a 203 
contribution of these particles to yield strength is negligible. Nevertheless, the grain size in regions of 204 
coarse particle agglomerations is found to be smaller compared to regions with lower coarse particle 205 
density and, thus, it is supposed that these particles hinder grain growth. Furthermore, it was found in 206 
APT analysis that coarse grained regions of austenitic CT are free from nanoclusters. Due to this 207 
inhomogeneity in grain size and nanocluster distribution, we conclude that the processing of austenitic 208 
ODS steels from elemental powders (austenitic RT) is preferred over starting with pre-alloyed powders 209 
(austenitic CT). The major contribution to this difference is most probably arising from the entire 210 
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ductile behavior of the pre-alloyed, fully austenitic starting material which is obviously not sufficiently 211 
suppressed by the cryogenic milling conditions in austenitic CT. Furthermore, this inhomogeneity 212 
cannot be easily described in the models to compare the temperature dependent strength of ferritic 213 
and austenitic ODS steels. Therefore, austenitic CT is not further discussed in the following. 214 
3.2 Microstructural characterization 215 
For the calculation of the strengthening mechanisms, it is necessary to determine the following 216 
microstructural parameters: dislocation density 𝜌dis, grain size 𝑑g, and nanocluster size 𝑑p as well as 217 
the nanocluster density 𝜌p.  218 
A normalized Williamson-Hall (WH) plot derived from XRD patterns of the ferritic alloy and 219 
austenitic RT is depicted in Fig. 2 separating the contributions from 𝜌dis and the size of coherently 220 
scattering domains to the total width of the diffraction peaks. While other experimental methods to 221 
determine 𝜌dis  (e.g. transmission electron microscopy or EBSD) can only identify fractions of all 222 
dislocations present in the material, only XRD allows for the analysis of geometrically necessary as well 223 
as statistically stored dislocations. Instrumental line broadening is corrected by substracting the peak 224 
width data of a LaB6 powder sample from the original data. Peak broadening is determined from the 225 
full width at half maximum (FWHM) of the peaks. The respective peak widths in the WH plot do not lie 226 
on a straight line due to the anisotropy of peak broadening. As a first approximation, the elastic 227 
anisotropy is corrected by dividing the scattering vectors by the direction-dependent (ℎ𝑘𝑙) Young’s 228 
modulus 𝐸hkl [60]. Gradient triangles show the expected slope in the WH plot for dislocation densities 229 
𝜌dis of 10
13 and 1015 m-2, respectively. Tab. 2 summarizes all obtained microstructural parameters. 230 
Given error ranges for 𝜌dis  represent the error propagation from the uncertainty of the slope 231 
determination in the 𝐸hkl -normalized WH plot. 𝜌dis  of the ferritic alloy is almost two orders of 232 
magnitude higher than in austenitic RT. Note that the dislocation density of ferritic as well as of 233 
austenitic RT was in the range of 1016 m-3 prior to consolidation. Hence, the lower dislocation density 234 
of austenitic RT results, to a substantial extent, from an increased annihilation of dislocations during 235 
consolidation by recovery and/or by recrystallization. Furthermore, it is anticipated that the given 236 
dislocation densities represent an upper limit for the respective materials since the calculation implies 237 
that the entire lattice distortion traces back to dislocations and further contributions due to particles 238 




Figure 2: Ehkl-normalized Williamson-Hall plot of ferritic and austenitic RT after consolidation. Arrows 
indicate intercepts used to determine the sizes of coherently scattering domains, which are 0.037 
and 1.461 µm for ferritic and austenitic RT, respectively. 
Additionally, from the intersection with the ∆𝑠 -axis, the size of coherently scattering domains is 240 
estimated correlating with the (sub-)grain size in the material. The determined grain sizes are 0.037 µm 241 
and 1.461 µm for the ferritic alloy and austenitic RT, respectively. They differ remarkably from grain 242 
sizes determined by EBSD analysis further down (Tab. 2). Coherent scattering domains can be confined 243 
by other lattice defects than high angle grain boundaries as well. In the further course of the present 244 
article, a description of Hall-Petch strengthening is performed. Since high angle grain boundaries 245 
impermeable to dislocation motion are assumed to be operative in this case, grain sizes determined 246 





Figure 3: Orientation mappings by EBSD of a) ferritic and b) austenitic RT color-coded with respect to 
the inverse pole figure (inset in a) of the compression direction during FAST (compression direction is 
perpendicular to the image plane). c) shows the area weighted grain size distribution obtained from 
the EBSD orientation maps (dashed lines according to the log-normal distributions are added to guide 
the eyes). 
EBSD orientation mappings of ferritic (Fig. 3a) and austenitic RT (Fig. 3b) exhibit a homogeneous, 248 
unimodal distribution of sub-micron sized grains. The orientation maps do not show preferential 249 
crystal orientations for the ferritic alloy. Slightly preferential orientation of grains with [110] direction 250 
parallel to the compression direction (max. multiples of the uniform distribution of about 2) is found 251 
for austenitic RT. Crystallographic texture is negligible for strength evaluation if present at all. Tab. 2 252 
gives the mean area weighted grain sizes, while Fig. 3c shows relating area weighted grain size 253 
distributions obtained from EBSD orientation mappings. The mean grain size of austenitic RT was found 254 
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to be only half that of the ferritic alloy. Area weighted grain sizes are used due to their relevance for 255 
mechanical properties, e.g. on Hall-Petch strengthening. 256 
   
Figure 4: Reconstruction of atom probe datasets of a) ferritic and b) austenitic RT in the consolidated 
state. Positions of the particle ions Y, YO, TiO, CrO and FeO are shown in sections of 30 nm in 
thickness and 250 nm in length. Other ions are omitted for clarity. c) Size distribution of particles 
identified by maximum separation method (dashed lines correspond to log-normal distribution fits of 
the respective datasets). 
The sections of atom probe datasets in Figs. 4a & b show Y-Ti-Cr-Fe-O-containing nano-sized particles 257 
hereafter called nanoclusters in all of the investigated samples. The shown reconstructions typically 258 
represent sections of 30 nm in thickness and 250 nm in length. For the sake of clarity, only particle 259 
forming ions, namely Y, YO, TiO, CrO and FeO, are displayed in these reconstructions. Other elements 260 
like Fe, Cr and Ni are homogenously distributed throughout the tips and are, therefore, omitted.  261 
Fig. 4c shows a broad distribution in particle size 𝑑p  for the investigated alloys ranging about two 262 
orders of magnitude. For the calculation of mean values and standard deviations of 𝑑p as well as to 263 
obtain the particle size distribution all particles found in several tips of the same alloy (at least 150 264 
particles in total) were summarized and the results are given in Tab. 2. Since the analysis direction of 265 
the atom probe tip is less affected by flight path aberrations  [61], 𝑑p is defined as twice the radius of 266 
gyration in this direction. Mean values and standard deviations of particle densities 𝜌p (Tab. 2) were 267 
calculated on the basis of particles found in each analyzed atom probe tip of the same alloy. The 268 
resulting standard deviation is comparably high as APT investigations revealed an inhomogeneous 269 
distribution of particles in the material. The atom probe analysis shows that independent from the 270 
different processing of ferritic and austenitic alloys, nanoclusters with less than 10 nm in size are 271 
formed in both types of material.  272 
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Table 2: Summary of the microstructural parameters for the calculation of strengthening 
contributions determined by XRD (+), EBSD (*) and APT (°) analysis. 
microstructural 
parameter 
unit ferritic austenitic RT 
𝜌dis
+ 1015 m-2 3.2 ± 2.1 0.08 ± 0.02 
𝑎+ nm 0.2875 ± 0.0001 0.3590 ± 0.0002  
𝑑g
* µm 0.75 ± 0.66 0.43 ± 0.27 
𝑑p° nm 5.0 ± 3.2 2.8 ± 2.2 
𝜌p° 10
22 m-3 1.2 ± 0.8 5.6 ± 5.0 
 
3.3 Mechanical properties at room temperature 273 
Table 3: Summary of the experimental yield strength 𝜎0.2 at RT, the calculated strengthening 
contributions as well as the rms (𝜎rms) and linear superposition (𝜎lin) of these contributions (in MPa). 
Strengthening contributions are Peierls stress (𝜎0), by solid solution strengthening (𝜎ss), by 
dislocation strengthening (𝜎dis), by Hall-Petch strengthening (𝜎HP), and by Orowan strengthening 
(𝜎OR). 
 ferritic austenitic RT 
𝜎0.2 1851 ± 71 916 ± 27 
𝜎0 100 0 
𝜎ss 114 69 
𝜎dis 550 111 
𝜎HP 693 423 
𝜎OR 381 811 
𝜎rms 975 924 
𝜎lin 1838 1414 
 
To investigate mechanical properties at RT, compression tests were conducted on the ferritic alloy as 274 
well as on austenitic RT. Since no significant preferential orientation of grains was observed after FAST, 275 
no anisotropy of the compressive strength is expected. Nevertheless, the compression direction during 276 
FAST was always chosen to be parallel to the compression direction during compression tests. The 277 
experimental yield strength at 0.2% plastic strain was found to be (1851 ± 71) MPa and (916 ± 27) MPa 278 
for ferritic and austenitic RT, respectively (see also Tab. 3). Errors represent the deviation in at least 279 
two compression tests. 280 
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In the following, the materials parameters obtained from the multi-scale characterization of the 281 
microstructure are used to: (i) calculate the strengthening contributions, (ii) identify differences 282 
between the ferritic and austenitic ODS steels, and (iii) assess the modeled yield strength in 283 
comparison to the experimental results. All calculated strengthening contributions are summarized in 284 
Tab. 3. 285 
The Peierls stress 𝜎0 represents the stress required for dislocation motion through a perfect crystal 286 
with the periodic Peierls potential. At finite temperature, the stress required to move a dislocation 287 
might be reduced due to thermal activation. Theoretical estimates of the Peierls stress (originally by 288 
Peierls [62], later corrected by Nabarro [63], and even later with a modified approach by Huntington 289 
[64]) typically address the situation without thermal activation and yield a dependence of the stress 290 
on the length of the Burgers vector and the width of the dislocation; of which the latter can be 291 
expressed in terms of the distance between adjacent slip planes. The available approaches differ 292 
significantly (by orders of magnitude) depending on the actual ratio of slip plane distance to Burgers 293 
vector length and are strictly restricted to planar dislocation cores which are definitely not the case for 294 
screw dislocations in BCC metals and alloys. Furthermore, the estimates are typically complicate to 295 
adopt for dislocation dissociation within the slip plane where the dissociated Burgers vectors are not 296 
parallel to the resultant Burgers vector which is the case for FCC metals and alloys [65]. Therefore, a 297 
theoretical estimate for the current alloys seems vague in the present cases; especially due to the fact 298 
that RT and higher temperatures are considered. 299 
Therefore, in the experimental context and especially when considering strengthening contributions 300 
in materials with complex microstructures yielding several different strengthening contributions, the 301 
Peierls stress in FCC metals and alloys is typically neglected at finite temperatures. For 0 K, 𝜎0/𝐺 ≲302 
 10−5 [66] is comparably low and thermal activation is sufficient to overcome maxima in the Peierls 303 
potential already at rather low temperatures. Therefore, we assume 𝜎0 ≈ 0 for austenitic RT in the 304 
present study in accordance with the treatment for FCC metals and alloys in Refs. [67,68]. In contrast, 305 
the situation is more complicated for BCC metals and alloys. Here, the microscopic details of slip lead 306 
to a generally higher Peierls stress of 10−3 < 𝜎0/𝐺 ≲  10
−2  at 0 K [66]. In conjunction with the 307 
thermal activation, a more pronounced temperature dependence of the yield stress is observed [69–308 
72]. For the present case, we assume 100 MPa for the ferritic alloy according to Schneibel et al. in 309 
Ref. [5]. This is slightly higher than the yield stress of about 70 MPa [73] which was found for Armco 310 
iron (extrapolation to infinite grain size) and the yield stress in iron single crystals which was found to 311 
be about 45 MPa [74]. Even though we do not neglect the Peierls stress in the BCC case, its contribution 312 
remains still rather small in comparison to the actual yield stress of the ODS alloy and lies in the order 313 
of the uncertainty of the experimental yield stress.  314 
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Solid solution strengthening 𝜎ss is estimated from the theory of parelastic interaction by the analysis 315 
of the lattice parameter dependence on solute concentration, following Eq. (2). Note, that this theory 316 




∙ |𝛿|3/2 ∙ √𝑥 (2) 
In this equation 𝑀 is the Taylor factor, which is about 3.1 for all investigated alloys [76]. 𝐺 is the shear 318 
modulus and 𝑥 the concentration of solute atoms. 𝛿 describes the change of the lattice parameter 𝑎 319 





Lattice parameters determined from XRD analysis are provided in Tab. 2 for the investigated alloys. In 321 
order to estimate 𝛿, these lattice parameters were compared with the one of pure Fe (𝑎 = 2.867 Å) [77] 322 
and the one of an austenitic ODS steel Fe-16Cr-16Ni-0.4Ti-0.25Y2O3 (𝑎 = 3.586 Å), respectively. Further 323 
quantities and their associated values which are necessary for the calculation of strengthening 324 
contributions are provided in Tab. 3. The contribution of solid solution strengthening is found to be 325 
114 MPa for ferritic as well as 69 MPa for austenitic RT. These are only minor contributions to the total 326 
yield strength of both ODS steels. 327 
The contribution of dislocation strengthening 𝜎dis  is calculated by means of the classical Taylor 328 
equation [78]: 329 
𝜎dis = 𝛼 ∙ 𝑀 ∙ 𝐺 ∙ 𝑏 ∙ √𝜌dis  
(4) 
The Burger’s vectors 𝑏 are 0.248 nm for ferritic [79] and 0.258 nm [79] for austenitic RT. 𝛼 is a constant 330 
which is about 0.2 [80] for the investigated alloys. The dislocation densities 𝜌dis, obtained from the 331 
𝐸hkl  normalized WH plots, are used. Finally, 𝜎dis  equals to 550 MPa for the ferritic alloy. As a 332 
consequence of the about two orders of magnitude lower dislocation density, 𝜎dis yields only 111 MPa 333 
for austenitic RT, demonstrating that this strengthening mechanism plays only a minor role in 334 
austenitic ODS alloys. This might result from an increased propensity for annihilation of dislocations 335 
during the consolidation of the austenitic ODS steel.  336 
The yield strength contribution 𝜎HP as a function of the grain size 𝑑g is expressed by the Hall-Petch 337 







where 𝑘HP  is the Hall-Petch constant. An overview of available values for 𝑘HP  in iron-based BCC 339 
materials has been provided by Schneibel and Heilmaier [39]. In this work, we use 340 
𝑘HP = 0.6 MPa ∙ m
1/2 [82] for the ferritic alloy. For a broad range of compositions in austenitic steels a 341 
smaller Hall-Petch coefficient of 0.3 MPa ∙ m1/2 can be found in literature [83,84]. These numbers have 342 
to be taken with care, since influences from further strengthening contributions (e.g. solid solution 343 
strengthening) are not always taken into account in these analyses. In combination with the grain size 344 
information obtained from Fig. 3, 𝜎HP is calculated to be 693 MPa for the ferritic alloy. Although the 345 
grain size of austenitic RT is only half of that of the ferritic alloy, the Hall-Petch contribution of this alloy 346 
is calculated to be only 423 MPa. Hence, it is significantly smaller than for the ferritic alloy. This is a 347 
direct consequence of the lower Hall-Petch coefficient of the austenite and the 1/√𝑑g dependence of 348 
grain size in the Hall-Petch relationship. It has to be highlighted that even though smaller grain sizes 349 
can be realized in austenitic ODS steels, it will never be possible to achieve the same Hall-Petch 350 
strengthening in comparison to their ferritic counterparts. 351 
To analyze particle strengthening, information about the composition and structure of ODS particles 352 
is necessary. Although there is still some controversy on the crystal structure of the nanoclusters in 353 
both, ferritic as well as austenitic ODS steels, the existence of cubic Y2Ti2O7 is reported in most cases 354 
for oxide particles with about 4 nm in size [27,35,36,85]. Predominantly, a (semi-)coherent cube-on-355 
cube orientation relation between particles and matrix is found, from which it can be assumed that 356 
dislocations cannot penetrate the nanoclusters without destroying the crystal structure of the clusters. 357 
Furthermore, larger particles (> 10 nm) are reported to be incoherent [35], while APT analysis of the 358 
smallest nanoclusters (< 2 nm) revealed a non-stoichiometric composition and a lack of a well-defined 359 
crystal structure [35,86]. Hence, it can be expected that dislocations could possibly cut only the 360 
smallest particles, but a majority of oxide particles has to be overcome by the Orowan mechanism. 361 
Therefore, we adopt the Orowan relation for this strengthening contribution at RT as [43]: 362 
𝜎OR =







In this equation 𝑑p represents the size and 𝑓p the volume fraction of nanoclusters. 𝑓p can be calculated 363 
by means of the nanocluster density 𝜌p. Nevertheless, it has to be mentioned that the calculation 364 
related to the Orowan mechanism rather overestimates the particle strengthening contribution. Both, 365 











Combining (6) and (7), thus, yields: 367 
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𝜎OR = 𝑀 ∙ 𝐺 ∙ 𝑏 ∙  √𝑑p ∙ 𝜌p 
(8) 
Using data presented in Tabs. 2 & 4, the Orowan contributions are calculated to be 381 MPa and 368 
811 MPa for the ferritic alloy and austenitic RT, respectively. The higher Orowan contribution of 369 
austenitic RT essentially results from the smaller nanocluster size and the higher particle density 370 
determined for that alloy. 371 
Table 4: Summary of parameters used for the calculation of each strengthening contribution. 372 
parameter unit ferritic austenitic RT 
𝑀  - 3.1 3.1 
𝐺  GPa 64   [79] 81   [79] 
𝑏  nm 0.248   [79] 0.258   [79] 
𝑘HP  MPa ∙ m
1/2 0.6   [82] 0.3   [83] 
𝛼  - 0.2   [80] 0.2   [80] 
Taking all calculated strengthening contributions into account, the lower and upper limit of the yield 373 
strength is calculated following Eq. (1). The lower limit given by the rms of the contributions is 975 MPa 374 
for the ferritic alloy and 924 MPa for austenitic RT. The linear superposition of the strengthening 375 
contributions represents the upper limit of the yield strength, which is 1838 and 1414 MPa for ferritic 376 
and austenitic RT, respectively.  377 
 
Figure 5: Calculated strength in comparison to the experimentally (grey bars) determined yield 
strength (RT, initial strain rate ̇ = 10-4 s-1). The lower limit represents the rms concept (cyan). The 
linear superposition to the upper limit of the strengthening contributions are color-coded as follows: 
Orowan strengthening (red), Hall-Petch strengthening (orange), dislocation strengthening (green), 
solid solution strengthening (blue) and Peierls stress (purple). 
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Fig. 5 visualizes the superposition of each strengthening contribution 𝜎i and compares the calculated 378 
yield strength limits to the experimental ones (grey bars). The lower limit provided by the root mean 379 
square is shown as cyan bars. Strengthening contributions to the upper limit by linear superposition 380 
are color-coded as follows: Peierls stress (purple), solid solution strengthening (blue), dislocation 381 
strengthening (green), Hall-Petch strengthening (orange) and Orowan strengthening (red). In case of 382 
the ferritic alloy experimental yield strength and the linear superposition of strengthening 383 
contributions are in good agreement while for austenitic RT the rms seems to better reproduce the 384 
experimental result. The yield strength of the investigated materials depends on multiple 385 
strengthening mechanisms varying in strength and number density [44]. Possible interactions between 386 
the aforementioned strengthening mechanisms are not further investigated in this work. Besides the 387 
discussion about how to superimpose the various strengthening contributions, the uncertainties (i) in 388 
experimental evaluation of relevant parameters or (ii) published parameters which control these 389 
strengthening mechanisms have to be assessed. The detailed discussion of the uncertainties in chapter 390 
3.4 leads to the definition of the error bars for the superpositions given in Fig. 5. 391 





Figure 6: Visualization of uncertainties, occurring in the calculation of the most relevant 
strengthening contribution at RT, for: a) dislocation strengthening, b) Hall-Petch strengthening (𝑘HP 
for upper and lower bounds given in MPa ∙ m1/2) and c) Orowan strengthening (𝜌p for upper and 
lower bounds given in 1022 m-1). Color fade-outs illustrate uncertainties resulting from the size 
distribution of grains and particles. Given values represent mean experimental results from materials 
characterization. 
Uncertainties of the various strengthening contributions are visualized in Fig. 6. For a critical 393 
assessment of the uncertainties due to deviations in the published parameters, minimum and 394 
maximum values are assumed in the following. The uncertainties of experimentally determined 395 
parameters result either from the determination process of these parameters (namely for dislocation 396 
and particle density) or from a distribution of the considered parameter within the microstructure 397 
under investigation (namely grain sizes and particle sizes). In this work, the standard deviation is used 398 
to rationalize these uncertainties. The uncertainty of each strengthening contribution is calculated 399 
using the law of error propagation. Therefore, only uncertainties of experimental parameters are taken 400 
into account, which are supposed to be dominating over uncertainties from parameters taken from 401 
literature. 402 
Fig. 6a visualizes the possible range of dislocation strengthening for both investigated ODS steels, by 403 
showing colored regions (red for ferritic and blue for austenitic RT). Following Eq. (4), dislocation 404 
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strengthening is determined by the constant 𝛼  and the experimentally obtained dislocation 405 
density 𝜌dis. Upper and lower limits are calculated with 𝛼 = 0.15 and 0.25 [80], respectively, for the 406 
ferritic and austenitic alloy. The uncertainty of dislocation density obtained from XRD analysis is 407 
visualized by the width of the colored regions representing the standard deviation of 𝜌dis . The 408 
uncertainty of dislocation strengthening Δ𝜎dis , resulting from the dislocation density is 176 and 409 
13 MPa for the ferritic alloy and austenitic RT, respectively (Tab. 5).  410 
The Hall-Petch strengthening depending on the Hall-Petch coefficient 𝑘HP  and the grain size 𝑑g  is 411 
visualized in Fig. 6b. The uncertainties due to variation of the Hall-Petch constants are represented by 412 
the upper and lower limit of the colored regions, which are set to ± 0.1 MPa ∙ m1/2 of the initial 𝑘HP 413 
value of the ferritic alloy [39] as well as ± 0.05 MPa ∙ m1/2 of austenitic RT [85]. Grain size as determined 414 
from EBSD mappings is indicated for the investigated alloys. The width of the colored and faded regions 415 
represents the grain size distribution (see Fig. 3). The uncertainty of Hall-Petch strengthening Δ𝜎HP 416 
due to grain size deviation is 305 and 130 MPa for the ferritic alloy and austenitic RT, respectively 417 
(Tab. 5) which is much larger than the influence of deviations in 𝑘HP for both alloys. 418 
Orowan strengthening depends on two experimentally determined parameters, namely size and 419 
density of nanoclusters. The resulting uncertainty of this strengthening contribution is shown in Fig. 6c. 420 
Upper and lower limits of the colored regions are determined from the standard deviation of the 421 
particle density. The width of the colored areas represents the deviation in particle size. The color fade-422 
out indicates that the uncertainties result from the materials-specific particle size distribution depicted 423 
in Fig. 4c. The uncertainty of Orowan strengthening Δ𝜎OR is calculated to be 174 and 473 MPa for the 424 
ferritic alloy and austenitic RT, respectively.  425 
Tab. 4 shows that the ferritic alloy has the larger uncertainties regarding dislocation and Hall-Petch 426 
strengthening. This alloy has the larger contributions of these strengthening mechanisms, too. In case 427 
of Orowan strengthening, the uncertainties of both alloys are comparably high, as a consequence of 428 
being derived from two experimentally determined parameters. Nevertheless, the uncertainty for 429 
austenitic RT is considerably higher as this alloy has the larger Orowan contribution. 430 
The total uncertainties Δ𝜎tot  for rms and linear superposition are calculated following the error 431 
propagation and are given in Tab. 5. ∆𝜎tot  provides a measure for the experimentally accessible 432 
accuracy of the yield strength calculation and is in the range of several hundred MPa. It is visualized by 433 
the black error bars in the bar chart of the rms and linear superposition in Fig. 5. It can be assumed 434 
from Fig. 6 that the uncertainties resulting from parameters based on literature (not included in this 435 
discussion) are smaller than the experimental uncertainties. Hence, uncertainties from the 436 
determination process of microstructural parameters (e.g. dislocation density or particle density) as 437 
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well as from the distribution of microstructural features (e.g. grain size or particle size) always lead to 438 
an interval of modeled yield strengths. This cannot simply be neglected as it is often done when 439 
strengthening contributions are calculated [86]. In other words, it is not possible to precisely calculate 440 
the yield strength and one should consider the applied models valid if the experimental yield strength 441 
falls within the uncertainty range.  442 
Furthermore, it remains unclear if all strengthening mechanisms are fully operative. As introduced 443 
above, particle cutting could possibly occur for the smallest clusters, for which only lower stresses 444 
might be needed. This would also explain the overestimation of the Orowan strengthening, as reported 445 
by Schneibel et al. [5]. 446 
Table 5: Summary of the uncertainties (in MPa) resulting from experimentally determined 
parameters for the calculation of strengthening distributions. 
alloy 𝚫𝝈𝐝𝐢𝐬  𝚫𝝈𝐇𝐏  𝚫𝝈𝐎𝐑  𝚫𝝈𝐭𝐨𝐭
𝐫𝐦𝐬  𝚫𝝈𝐭𝐨𝐭
𝐥𝐢𝐧𝐞𝐚𝐫  
ferritic 176 305 174 251 655 
austenitic RT 13 130 473 423 616 
 
3.5 Modeling of the temperature dependent compressive strength 447 
 
Figure 7: Results of temperature dependent compression tests. All alloys reveal the common 
modulus dependent decrease in strength in the low temperature (LT) range. Sudden drop of strength 
at about 500 °C is observed, defining the onset of the high temperature (HT) deformation range. 
Lines represent model-based description of the strength. Linear superposition of strengthening 
contributions was assumed in the LT range (solid lines). HT strength is described by creep models of 
Coble (dotted lines) as well as Blum and Zeng (BZ, dashed lines), respectively. 
22 
 
Fig. 7 summarizes the compressive yield strength of both investigated alloys at temperatures between 448 
RT and 800 °C, visualized by the open symbols. In the entire temperature range, the ferritic alloy shows 449 
higher yield strength than austenitic RT. In the following, the temperature range up to about 500 °C is 450 
referred to as low temperature (LT). In the LT range, a slight continuous decrease in yield strength is 451 
observed which is largely governed by the temperature dependence of the shear modulus. Above, at 452 
the sudden drop of yield strength at about 500 °C, high temperature (HT) deformation mechanisms 453 
set in. This is in line with the concept of homologous temperature since melting temperatures are 454 
about 1800 K (≈ 1520 °C) [87] for ferritic and 1700 K (≈ 1420 °C) [88] for austenitic RT; 0.4 ∙ 𝑇m would 455 
thus correspond to temperatures of 720 K (≈ 450 °C) for ferritic and 680 K (≈ 410 °C) for austenitic RT. 456 
At 600 °C, yield strength has dropped already to 300 MPa for the ferritic alloy and to 100 MPa for 457 
austenitic RT. Further increase in temperature results in an only slight further decrease of yield 458 
strength. 459 
In order to describe the temperature dependence of the yield strength, the simple linear superposition 460 
of strengthening contributions is combined with the creep models by Coble [51] as well as by Blum and 461 
Zeng (BZ) [52,53], respectively. In the case of austenitic RT the model-based summation of 462 
strengthening contributions was found to be higher in comparison to experimental yield strength data 463 
due to reasons explained above. Hence, a linear scaling factor of 0.6 is applied to the calculated yield 464 
strength to fit it to experimental data. Note that after applying the scaling factor, the calculated yield 465 
strength is still higher than following the rms concept of superposition, which gives the lower limit of 466 
strength. The LT fit allows the determination of the transition temperature to creep-based 467 
deformation mechanisms later on. Furthermore, the slightly decreasing strength in the LT range is 468 
depicted by the temperature dependent decrease in shear modulus for which 𝑇m 𝐺(300 K)⁄ ∙ 𝑑𝐺 𝑑𝑇⁄  469 
= -0.81 and -0.85 for ferritic and austenitic RT is found in literature [79], respectively. Additionally, Hall-470 
Petch strengthening follows Eq. (9) from Ref. [89], in which 𝐺(𝑇) is the shear modulus at a given 471 








The strength at HT is significantly altered by creep deformation. Therefore, a stress-strain rate 473 
dependence is observed. As introduced earlier, one possible model describing the drop of yield 474 
strength, is the grain boundary diffusion-based model by Coble [51] which is presented next in the 475 
(non-conventional) form of stress dependent on strain rate: 476 
𝜎C =
𝑘B ∙ 𝑇 ∙ 𝑑g
3
47 ∙ 𝛺 ∙ 𝛿gb ∙ 𝐷gb0
∙ exp (
𝑄gb
8 ∙ 𝑁A ∙ 𝑘B ∙ 𝑇
) ∙ ̇ (10) 
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Creep stress 𝜎C depends on the applied temperature 𝑇, the strain rate ̇ and the grain size 𝑑g. Further, 477 
𝑘B is the Boltzmann constant (𝑘B = 1.381 ∙ 10
-23 J/K) and 𝑁A the Avogadro constant (= 6.022 ∙ 10
23 mol-478 
1). Materials constants are the atomic volume 𝛺, the grain boundary width 𝛿gb and the scaling factor 479 
for grain boundary diffusion 𝐷gb0 as well as the activation energy for grain boundary diffusion 𝑄gb. 480 
Quantitative numbers of these parameters which are used for this work are given in Tab. 6. Following 481 
Eq. (10) possible parameters to fit the Coble model to experimental data are the coefficient 𝛿gb ∙ 𝐷gb0 482 
and the activation energy 𝑄gb. Since variations of 𝛿gb𝐷gb0 and 𝑄gb are acting in the same way, only 483 
𝑄gb, for which comparative values can be found in literature is used for the fitting procedure.  484 
The dislocation-based creep model following BZ is based on the assumption that creep is controlled by 485 
a steady-state process of annihilation and generation of dislocations at grain boundaries [52]. 486 
Schneibel et al. [5,39] obtained reasonable results using the BZ model to describe the drop in yield 487 
strength of ferritic ODS steels. The creep stress 𝜎BZ based on this model is given by [52,53]:  488 
𝜎BZ = 𝑘BZ ∙ 𝐺 (






















The shear modulus 𝐺 , Poison’s ratio 𝜈, Taylor factor 𝑀 and the length of the Burgers vector 𝑏 are 489 
materials constants. Obviously, quite different dependencies of creep stress on temperature, strain 490 
rate and grain size are noted in comparison to the Coble model which, however, allow for an 491 
unambiguous differentiation between the two proposed models when applied to experimental data. 492 
Compared to the original BZ equation from Ref. [52], several simplifications were made: Assuming that 493 
the grain boundary thickness is in the order of 𝑏, the quotient 𝛿gb/𝑏 in Eq. (19) of Ref. [52] is set to 494 
unity. Following Schneibel and Heilmaier [39], 𝜉 in Eq. (6) of Ref. [52] can be set to zero leading to 495 
𝑓(𝜉) = 1 in Eq. (18) of Ref. [52], which means that no spontaneous annihilation of dislocation occurs in 496 
the grain boundary. Additionally, the parameters 𝛼 and 𝑐 in Ref. [53] are summarized in this work as 497 
constant 𝑘BZ, which should lie in the range between 0.2 and 5 [39,53]. With 𝛼 = 0.2 [80] and 𝑐 = 0.5 498 
(lowest value for 𝑐  taken in [53]) 𝑘BZ  = 0.45 is obtained. Again, 𝑄gb  is used to fit the data, while 499 
𝛿gb𝐷gb0 remains constant for the reasons explained above. 500 
Table 6: Summary of parameters used for the calculation of strength following the Coble and the BZ 
model, respectively. 
parameter unit ferritic austenitic RT 
̇ s-1 10-4 10-4 
𝜈 - 0.2   [39] 0.2   [39] 
𝛺 Å3 0.00118   [79] 0.00121   [79] 
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𝛿gb ∙ 𝐷gb0 10
-12 m3/s 1.1   [79] 0.2   [79] 
𝑄gb kJ/mol 174   [79] 167   [79] 
𝛼 (in [53]) - 0.2   [80] - 
𝑐 (in [53]) - 0.5   [53] - 
𝑘BZ - 0.45 0.45 
 
When literature data is used, the drop in strength is predicted for lower temperatures compared to 501 
experimental results in the Coble model as well as the BZ model. Increasing activation energies result 502 
in a shift of the curves to higher temperatures in both models. The results from fitting 𝑄gb are 503 
represented by the solid and dashed lines in Fig. 7 and optimized parameters are summarized in Tab. 7. 504 
It is obvious from Fig. 7, that the Coble model is not able to properly describe the drop in yield strength. 505 
Although the obtained activation energies of both investigated alloys are in the same range compared 506 
to the initial numbers (Tab. 6), the drop in strength is too strong and strength approaches zero too 507 
quickly. Calculations following the BZ model give more appropriate results. Obtained 𝑄gb  values 508 
(Tab. 7) are higher than given in literature for the self-diffusion of Fe in grain boundaries. Higher 509 
apparent activation energies (up to 300 kJ/mol) compared to the reference materials without oxide 510 
particles have already been reported for ODS steels [90,91]. Possible mechanisms leading to increased 511 
activation energies in ODS materials are strong dislocation-oxide particle interaction [92–94] and a 512 
slowed down diffusion by the nano-sized particles, being located on grain boundaries [4]. Nevertheless, 513 
dislocation-based creep is assumed from this analysis to be the dominant creep mechanism in the HT 514 
range. 515 
Table 7: Optimized parameters for the description of the temperature dependent yield strength on 
the basis of presented strengthening models in the LT as well as the HT range. 
alloy 𝑸𝐠𝐛 for Coble 
in kJ/mol 
𝑸𝐠𝐛 for BZ 
in kJ/mol 
ferritic 188 325 
austenitic RT 175 223 
4. Summary 516 
The main focus of this work was on the model-based description of the strength of ferritic and 517 
austenitic ODS steels in the temperature range from RT to 800 °C. Therefore, ferritic and austenitic 518 
ODS steels were manufactured by mechanical alloying and subsequent consolidation. 519 
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Characterizations of microstructure and of mechanical properties by means of compression tests have 520 
been conducted. The outstanding results from this work are summarized as follows: 521 
 Austenitic ODS steels with sub-micron grain size and nanometer-sized oxide particles similar to 522 
ferritic ODS steels can be produced by mechanical alloying and subsequent consolidation by field 523 
assisted sintering technique. Starting from elemental powders is preferred due to a more 524 
homogenous distribution of particles in the material and absence of large grain regions compared 525 
to austenitic ODS steels from ductile, pre-alloyed powder. Formation of a homogenous single-phase, 526 
austenitic microstructure is obtained during the consolidation process. 527 
 Multiscale characterization of the microstructure by XRD, EBSD and APT allowed the calculation 528 
and critical assessment of strengthening contributions. From that, Hall-Petch and dislocation 529 
strengthening are identified as crucial strengthening mechanisms explaining the superior RT 530 
strength of ferritic ODS steels in comparison to their austenitic counterparts. 531 
 Inferior dislocation strengthening is explained by intense recovery and/or recrystallization 532 
occurring in austenitic ODS steels during consolidation. An increased yield strength is expected for 533 
austenitic ODS steels with modified composition to obtain lower stacking fault energies and, hence, 534 
reduced recovery during consolidation.  535 
 The linear superposition of calculated strengthening mechanisms tends to overestimate the 536 
experimental results. Nevertheless, if the interaction of the strengthening mechanisms and the 537 
uncertainties of determined parameters are taken into account, the calculated strength 538 
satisfactorily fits experimental results. It becomes apparent that a critical discussion of 539 
experimental data is necessary if strengthening theories are applied to describe the strength of 540 
materials. 541 
 From fitting the temperature dependent strength using the Coble and the BZ model, it can be 542 
concluded that the creep-controlled drop of strength above 400 to 500 °C in ODS steels can be 543 
explained by the BZ model more appropriately and hence, dislocation annihilation and generation 544 
of dislocations at grain boundaries might dominate deformation at high temperatures. 545 
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